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Abstract. The superplastic performance of the dual-phase Ti-6242S titanium alloy makes it a good
material for aerospace applications to produce structural components using the advanced superplastic
forming (SPF) process. The need to optimize the SPF process demands the understanding and
quantification of the influence of the different phase constituents - a and B on the global superplastic
behaviour. Numerical modelling has been useful to predict mechanical behaviour for both a one-level
and a multiscale approach. Multiscale approach: bottom-up (microscale to macroscale) has enabled
understanding how the different microstructural parameters influence global material/structural
mechanical response; which by and large means the modelling approach depends on the material
local properties. The identification of these local properties is non-trivial in polycrystal materials,
particularly at superplastic (elevated) temperatures.

Herein presented, is a new methodology that permits the quantification of the microstructural
parameters of each of the constitutive phases of a polycrystal at a superplastic temperature using a
genetic algorithm optimisation method on the data from in-situ high energy X-ray diffraction
(synchrotron radiation), coupled with SEM (scanning electron microscope) and EBSD (electron
backscattered diffraction). These identified local microstructural parameters were directly used in the
finite strain crystal plasticity model to simulate the materials global response. This approach enabled
the quantification of the phase influences on global behaviour with great accuracy.

It was found that a phase planes have high critical resolved shearing stress (CRSS) at 730°C which
is similar to their behaviour at room temperatures, while § phase slip planes have low CRSS that
encourage slip shearing at low stress. However, more applied load is partitioned in the B phase than
in the a phase, despite the fact that the  phase fraction is about 15% at 730°C.

Introduction

Superplasticity refers to the ability of a material to undergo large strain deformation without
necking (thinning) [1-3], often achieving elongation which can reach or exceed 1000% depending on
the microstructure and the processing conditions. Superplasticity is said to occur if the strain rate
sensitivity (m) is equal to or more than 0.3 [1], and this behaviour is found at high temperatures above
50% of the materials melting temperature and at very low strain rates (~10* s'). The aerospace
industry has leveraged this inherent material property to produce complex, near-net-shaped titanium
components in one-shot through a manufacturing method called the superplastic forming process
(SPF).

Titanium alloys are widely used in aerospace applications due to their excellent specific strength
and resistance to corrosion, fatigue and creep [4]. Based on their stabilizing allowing elements, they
are categorized as: (a) a alloy with a hexagonal closed packed (HCP) crystallographic structure, is
stabilized by Al, O, N, C, etc; (b) B alloy with a body center cubic (BCC) crystallographic structure
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is stabilized by Mo, Cr, Ta, V, Fe, etc; and (c) a + B alloy containing both phases at room temperature,
which contains the stabilizers of the two in relative ratios.

The superplastic behaviour of titanium alloys depends on various microstructural factors such as
grain size and morphology, texture and anisotropy, phase volume fraction, phase interfacial
interaction and their potential evolution during plastic deformation. In addition to the microstructural
features, forming parameters such as temperature and strain rate can also control the flow behaviour
(as strain hardening, flow softening or steady-state behaviour) and different mechanisms including
dislocation gliding, grain boundary sliding, dynamic recrystallisation and dynamic recovery.

Finite-element (FE) modelling has become essential for predicting such complex interactions.
There exist different material/structural modelling approaches. A one-level models consider a
macroscale behaviour and treats the material as homogeneous, and a multiscale model where at least
two levels are coupled, for instance, the microscale or the mesoscale is used to simulate the
macroscale response of the structure using a scale transition rule or a homogenization method to
bridge the different scales. Multiscale approach (microscale to macroscale) permits the numerical
quantification of each phase’s contributions to the global/macroscopic mechanical behaviour of a
dual-phase system.

However, accurate microscale material parameters are difficult to identify for each phase. Their
identification requires combined advanced experimentation techniques, particularly at elevated
temperatures at which superplasticity is observed (900°C for Ti-6242S). Previous studies using
Scanning Electron Microscopy (SEM) [5] and Electron Back-Scattered Diffraction (EBSD) [6]
before/after deformation provide valuable information, but cannot determine real-time phase
evolution, making parameter identification highly dependent on uncertain optimisation bounds.
Kapoor et al. [7] presented an alternative approach, where virtual X-ray simulation was performed to
reproduce the lattice strains obtained from in situ high-energy X-ray diffraction (HEXRD) while
concurrently using the input of the virtual X-ray simulation for a crystal plasticity finite element
simulation, in an attempt to fit the macroscopic stress vs strain curve of the material. The drawdown
of Kapoor et al. [7] approach is that, it is a two-way method, which would be computationally
expensive.

Consequently, in this work, a new methodology (one-way) is presented to identify phase properties
with accuracy and use these calibrated properties to numerically simulate the macroscopic mechanical
behaviour of a dual-phase (o + B) Ti-6Al-2Sn-4Zr-2Mo-0.12Si (Ti-6242S) alloy. It combines
HEXRD, SEM and EBSD to identify phase-level mechanical parameters for the alloy. HEXRD
(advanced experimental technique) permit to follow real-time evolution of the material phases during
heat-treatment and mechanical deformation at temperatures. The volume fraction and the lattice
strains of the different planes in both a and [ phases are measured. Hence, the mechanical
microstructural properties of each phase are obtained through the use of a genetic algorithm
optimisation method applied on the lattice strains and the macroscopic stress-strain evolution given
by the force and displacement recorded from the tensile test apparatus of the HEXRD set-up.
Likewise, the SEM techniques allow for obtaining the microstructural images, the grain sizes, and
the phase fraction of the two phases. Similarly, the EBSD helps identify grain orientations and grain
sizes. These parameters are then implemented in a finite-strain crystal plasticity framework to
simulate the macroscopic behaviour using a 3D representative volume element (RVE) which take
into account the grain orientation and phase volume fraction.

Methodology

Numerical Framework. A finite strain formulation is appropriate to model the large deformation
typical of the superplasticity forming process. A dual-phase material is considered; therefore, the
subsequent equations hold separately for a and § phases including the slip laws for which a power
law was used for both § (BCC) and a (HCP), following the formulations in [8—12].

Index and notation adopted: (i) = {a, B} phase, bold letters (a) refers to tensors, “®” is a
tensor/dyadic product, while “.” is a dot product and if otherwise not stated, it is a matrix
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multiplication, s = 1,2,...,N5(i) is the slip system in the phase (i) where N @ is the total slip system
number, d represents direction vector, “:” is a double contraction, and ‘x’ is a vector product.

In crystal plasticity, the decomposition of the deformation gradient (F) is adopted, which assumes
the multiplication of the elastic deformation gradient (F,) and plastic deformation gradient (F,) and
shown in Eq. 1

F=FF" (1)

Where Fe(i) describes the reversible lattice deformation gradient of each phase due to the external
load, in contrast, F\ describes the irreversible deformation gradient of the lattice in each phase due

to plastic work, which can be a convolution of rate-dependent and rate-independent plastic work,
depending on the mechanisms intended to be captured. It also has to satisfy the incompressibility

constraint (det F,§") = 1) enforced with (F,S") (det Fzgi) )_?1) The plastic velocity gradient (Lg)) is
described as in Eq. 2:
N e i
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Where L(;) relates the rate of plastic deformation gradient fzgi) to its inverse F;i)_l. Lg) is related
to the summation of shear strain rate ):/(i) on all the slip system of corresponding phase (1) with their
corresponding Schmld factors described by the dyadic product of the slip direction 71 m ) and the slip-
plane normal 71 ns . The shear strain rate )/S ) is described by viscoplastic power laws for a and 3 phase
as in Eq. 3:

(@) . . .
=fwpy: V=3 (g@) sign(z8) i [1] = g¥ (3)

Where y ) is the initial strain rate, 1:( ) is the resolved stress in each slip system (s), likewise ggi)ls
the critical resolved stress, n(i) is the phase strain rate sensitivity. The resolved stress can be

described as in Eq. 4 where 6 is Cauchy stress:
0 = 60, 7O 7O @)

The critical resolved stress ggi) for both o and  shown in Eq. 5a depends on the initial resolved
®

stress T, and evolution hardening function described as Eq. 5b:
()= to By : 0 =70+ 300 HORD (5a)
L . @ \m®
AD = D (1 ( S0} ) v (5b)

sat

The ‘L'ga)t is the saturated stress, HY < 18 the phase slip hardemng interaction matrix describing self-

strain hardening (H,(dz = 1) and latent hardening (H(l) =14), hO is the initial hardening rate, m® is
the hardening exponent.

The constitutive law, which relates the strain and stress evolution in each phase is formulated in
terms of an objective stress (rotation free). It is expressed using the Hill and Rice form of the Jaumann
stress rate (o)) as shown in Eq. 6 which can be written in terms of the symmetric and asymmetric
parts of the Schmid tensor as shown in [13], see [9, 11] for details.

ol + o tr(De) =CY : De (6)

Where De, tr(De), is the elastic strain and its trace respectively; €9 is the fourth order grain
stiffness matrix in the global coordinate shown in Eq. 7, obtained by rotating its local stiffness matrix
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(€Y with rotation matrix (R) formed with the grain Euler angles (0, y, ®) obtained from EBSD
(electron backscattered diffraction)

CI=[R®R]:C':[RT® RT] (7)

The above model formulation was implemented in Abaqus user material (UMAT) using the work
of Eralp et al. [9]. The rule of mixture (Eq. 8) as a homogenization technique, was employed to obtain
the global/macroscopic stress in the material, which depends on the volume fraction of a - f, and the
volume fraction of B - f

09 = foo + fpa? ®)

Phase Material Properties Identification: Genetic Algorithm Optimisation. From the model
formulation, various microstructural parameters for both a and B phase are necessary to realize the
microscale to macroscale (bottom - up) numerical simulation. These include the single elastic

constants (Cfy, Cs5, C5, C, C&4, Cfl, sz, Cf4); viscous and hardening parameters (‘tga), \'(E)a), hga),

@ m(a), n(@), TP 7P kP 8 m(p), n(p)).

sat’ > “sat’

The single elastic constants of the different phases were identified from in-situ HEXRD Ilattice
strain measurements by reconstructing micro-strain tensors of each phase, applying micromechanical
homogenization to compute macroscopic stress, and solving an inverse optimisation problem using a
genetic algorithm under elastic stability constraints [14, 15]. The parameters were obtained by
minimizing the discrepancy between the computed macroscopic stress and the experimental uniaxial
stress in the elastic domain.

To identify the visco-plastic parameters of the two phases, the micro-strain evolution for the
relevant crystallographic planes of a and 3 phases (derived in the section of Phase Micro-strain Lattice
Determination below) was used as input for a genetic algorithm optimisation. This was possible with
the assumption that, for the respective {hkl} planes in each phase, its micro-strain tensors are
equivalent to its elasto-viscoplastic strain, and these cumulatively resolved to the global elasto-
viscoplastic strain in each of the phases.

For instance, in B phase, micro-strain tensors associated with {110} and {200} planes are
considered to govern the global elasto-viscoplastic behaviour in  phase, while o phase micro-strain

computed on basal {0002}, prismatic {1010}, {1120}; and pyramidal {1011}, {1012} planes
cumulatively govern to the a phase elasto-viscoplastic behaviour. To formulate the optimisation
problem, an equivalent elasto-viscoplastic strain was computed for each {hkl} plane using the von
Mises strain definition (Eq. 9a), based on the {hkl} strain tensors presented in the section of Phase
Micro-strain Lattice Determination below.

2
ghict — - (ghkl ; ghkl) (9a)

These equivalent micro-strain evolutions served as the target data for the genetic algorithm fitting
procedure such as (Eq. 9b):

()= {0, B}: yo' @ =ikl (9b)

The optimisation objective functions - which are visoplastic slip functions Egs. 3, 5a and 5b, were
defined to identify the visco-plastic parameters for each {hkl} in both a and 3 phase (Tga), Yga), h(()a),

ngz, m(a), n(a), rgﬁ ), \'(gﬁ ), h(()ﬁ ), ngz, m(f), n(f)). The shear strain equation was solved using

Newton Raphson algorithm and it was included in the genetic algorithm, where the bounds (upper
and lower) was reasonably defined for each of the parameters. The macroscopic uniaxial stress (oy1)
obtained from the uniaxial experiment was factored by a factor (M) defined as 1.35 (to account for
the applied stress and slip plane direction) as shown in Eq. 10, and was used as the resolved stress. It
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served as the forcing function in the optimization algorithm at each corresponding shearing strain
increment.

Uz}qm =M o014 (10)

The quality of the fit was evaluated using the root mean square error (RMSE) calculated using Eq.
11, where N is the total population reasonably defined to minimize the computation time.

RMSE =J%Z’¥=1<xi — x;)? (11)

where x;, x;

i»--,Xy 18 each of the computed values for an optimized parameter in the population.

It should be noted that Hgg, the hardening interaction coefficient was assumed to be 1.0 in the
optimisation solution. The softening beyond global-yielding of the macroscopic stress-strain is not
discussed here, as such, the £/ and 7, up to the 0.2 macroscopic true-strain was used for the fitting

(to ensure that micro-strain up to saturation is considered).

Experimental Details. The real-time microstructural evolution was followed during a uniaxial
tensile test performed at 730°C on a dual-phase (o + B) Ti-6Al-2Sn-4Zr-2Mo-0.128Si1 (Ti-62428S) alloy
using a modified DIL 805 A/D deformation dilatometer (TA instruments) working at the P07
beamline of the Petra III, DESY, Hamburg, Germany.

Fig. 1a shows the 4mm thick dog-bone shaped sample machined from a 4mm thick plate, whose
as-mounted schematic in the tensile apparatus of the thermomechanical simulator (DIL 805, TA
instruments) is shown in Fig. 1b. A type-S thermocouple was welded at the surface in the mid-length
of the sample to real-time control the sample temperature with a numerical regulator. The whole
experiment was performed under secondary vacuum in order to prevent exposure to oxygen, which
can cause a-case and can affect the ductility of the material.

Thanks to a high energy of 100 keV (A of 0.124 A), a large volume was analyzed by transmission
of X-rays through 4 mm wide samples. Consequently, a 2D-dectector Perkin Elmer XRD 1621 Flat
Panel with a resolution of 2048 by 2048 pixels was placed in transmission to collect the Debye-
Scherrer ring. X-ray diffraction images were taken at intervals (acquisition rate of 0.2 Hz - 1 in every
5 s), which follows the complete test evolution during thermo-mechanical loading.

The experiment consisted of heating from room temperature up to the target temperature (730°C),
followed by 10 mins holding time prior the mechanical loading, applied at the strain rate of
2 x 107 s, The sample was not loaded to failure but to the maximum displacement limit of the
equipment of 9 mm. Finally, rapid cooling was performed using argon gas at the rate of 140°C.s™".

The microstructural and the crystallographic details in both undeformed and post-deformed states
were examined under SEM respectively, and EBSD was performed on the undeformed state. The
critically deformed section of the sample, likewise, the initial state was cut and prepared with standard
metallography technique without etching and observed under SEM in the back-scattered electron
(BSE) mode with FEI NOVA nano SEM 450 equipment. While the EBSD was performed on the
initial state sample, with OXFORD Instruments symmetry equipment with an accelerating voltage of
20 kV at a rate of 153.52 Hz.
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Fig.1. Schematic of in-situ uniaxial tensile test under synchrotron X-ray observation. Sample
geometry (a); sample in clamped position in relation to X-ray beam source (b); 2D-dectector (c);
typical result of partial integration of X-ray pattern about 90° - TD (d) and typical result of partial
integration of X-ray pattern about 0° - LD (e).

Phase Micro-strain Lattice Determination. Based on the X-ray diffraction patterns recorded
throughout the tensile test in temperature, the phase volume fraction and the mean lattice parameters
of each phase were determined by using the Rietveld refinement method [16] on the 1D patterns,
meaning by integrating fully around the azimuth of Debye-Scherrer rings.

In addition, partial integration of the X-ray diffraction patterns was performed to highlight the
expected expansion along the loading direction and compression in the transverse direction. An
azimuth angle (y) of 30° (£15°) about the orthogonal axes (Fig. 1c), together with its symmetric
counterpart, was selected to ensure sufficient grain statistics. The partial integrations were performed
using the pyFAI module developed by the European Synchrotron Radiation Facility [17]. Curve
fitting of the experimental data was performed using Pseudo-Voigt function from the LMFIT Python
library [18]. Typical fitting results along the sample transverse and the loading direction are shown
in Figs. 1d and le.

From these fitted diffraction data obtained for the two-perpendicular directions, the d-spacing d"™!
was determined using Bragg’s law [19]. The corresponding elastic lattice micro-strain for each {hkl}
plane in both phases was then calculated using Eq. 12a. Here, d2*! denotes the reference d-spacing
of the {hkl} plane, taken as the {hkl} d-spacing before the mechanical loading was applied.

hkl_ yhkl
hkl — @~ —do
€ T T ghkl (123)
0
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Considering that the X-ray monochromatic beam is incident on the sample at a diffraction angle 20,
the effect of beam geometry was normalized by averaging of the micro-strain £ obtained from Eq.

12a at azimuthal angles 0° and 180°, defining the loading direction strain £])f’. Similarly, averaging

the values obtained at 90° and 270° yields the transverse direction strain &*k!  as expressed in Eq.
12b. The normal direction (ND) is the 3™ orthogonal axes along the thickness of the sample (as
shown in Fig. 1). Since the experiment involves uniaxial loading, a transversely isotropic behaviour
can be assumed. Consequently, the transverse and normal micro-strains are considered equal due to
the Poisson effect such that efkl = £lkl “implying et = ¥kl Under these assumptions, all the

diagonal of the .S?jkl strain tensor for each {hkl} plan (a second-order tensor where 1,j = 1,2,3
representing the three orthogonal reference coordinates) (Eq. 12¢) can be determined while the off
diagonal strains are assumed to be null.

hkl _hkl hkl  _hkl

hkl — €0° *E€igo° . _hkl — E90°tE270°
&p =~ 5 & T 5 (12b)
oo o
hkl _ hkl
Eij = 10 ETD 0 (120)
0 0 efff

Microstructure Generation and Modelling Approach. A RVE of 1 x 1 x 1 um® with 100 grains
was generated with Neper [20] to replicate the material microstructure. The grain orientations
obtained from EBSD analyses were incorporated into the RVE generation to ensure that they
approximatively represent the same grain orientation distribution as the actual material. Neper was
also used for the meshing, using C3D8 elements with a size of 0.05 pm, which is lower than the
average grain size (2.3 um) in order to eliminate mesh dependency and sensitivity (see Fig. 2a).

In order to account for the phase volume fractions, the group option was used in Neper which permits
specifying the number of different grains for a and B phases, to represent their volume fraction (f, -
85% and fg — 15% at 730°C determined from Rietveld refinement). The grains for each phase are
shown in Fig. 2a, and the assembly 1s shown in Fig. 2b. Each group was assigned a distinct identifier
(1 for a phase and 2 for § phase) to differentiate the phases. In the input file generated for Abaqus,
two element set instances were created at the assembly level to group the grains according to the
identifiers. This approach allowed assigning different material properties to the grains based on their
respective phases.

Boundary conditions were applied to the RVE: symmetry conditions were used to constrain rotation
about, and deformation along, the -X, -Y, and -Z axes, while a displacement corresponding to 0.20
true strain (22.14% engineering strain) was applied on the X-face of the RVE in the X direction to
replicate the uniaxial displacement imposed on the macroscopic sample (Fig. 2c).
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Fig. 2. Images of Representative volume elements (RVE). Representation of o and B grains (a);
Assembly of a and 3 grains with global mesh view (b); and boundary conditions descriptions (c).

Results and Discussion

As mentioned above, the microscale to macroscale numerical modelling approach adopted herein
depends on advanced experimental techniques; as such, both results of experiments and numerical
modelling are presented chronologically.

Microstructure and Mechanical Behaviour. Figs. 3a and 3b respectively show the BSE-SEM
micrograph and the inverse pole figure at the as-received state of Ti-6242 titanium alloy. The
microstructure consists of nodular a phase surrounded by a § phase network. The B phase appears
with a lighter contrast, and the o phase exhibits a darker contrast. The mean equivalent diameter of
the o nodules is found to be approximately 2.3 um. From image analysis, the 3 volume fraction is
about 10 % at room temperature, which is consistent with the value obtained by Rietveld refinement
of the diffraction pattern and similar to the value reported by Kapoor et al. [19].

Fig. 3¢ displays a true stress - true strain curve obtained at 730°C and a strain rate of 2.10 s, Three
distinct stages can be identified: i) a small elastic domain followed by, ii) a plastic deformation region
characterized by strain hardening up to the ultimate stress, and iii) a subsequent flow softening
regime. The latter is not discussed here, as beyond a true strain of about 0.54, the temperature is no
longer constant at 730°C. The sharp transition from elastic to plastic at strain of about 0.001 (Fig. 3d)
can easily go unnoticed. Beyond that, the observed hardening and subsequent softening behaviour
are consistent with previously reported results for the same alloy and Ti-6Al1-4V alloy at temperatures
around 700°C [5, 6, 21, 22].

The microstructure at the critically deformed section is shown in Fig. 3e. Both the a and B grains
became more elongated along the RD, which coincides with the loading direction, and the  phase
fraction has increased to approximate 15% (Rietveld refinement). In addition, micro-voids (black
spots) are observed, predominantly within the  phase and at the o/ interfaces. The porosities had
been similarly reported for Ti-6Al1-4V and Ti-6242S alloys at superplastic temperatures [5, 6], with
the extent of porosity strongly dependent on strain rate and temperature.
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Fig. 3. BSE-SEM micrograph at the as-received state of Ti-6242 titanium alloy (a); inverse pole
figure of the as-received state (b); true stress - true strain curve (c); magnified zone of on-set of
local plastic transition zone (d); and BSE-SEM micrograph of test sample post mechanical
deformation at 730°C (e).

Microstructural Behaviour Under Mechanical Loading at 730°C. To understand the respective
contributions of the a and B phases to the macroscopic mechanical behaviour described in
(Microstructure and Mechanical Behaviour, see Fig. 3¢), the strain-induced evolution of each phase
is investigated and presented using two complementary approaches. First, the 1D profiles of the
HEXRD patterns are analyzed to assess the global response of each phase. Second, partial integration
of the HEXRD patterns is performed to quantify the phase-specific response to loading along both
the LD and TD direction. These results are subsequently used to identify the microstructural
parameters required for the finite strain CPFE modelling.

Qualitative Evolution — 1D profiles. Fig. 4a presents the 1D profiles of the HEXRD patterns,
illustrating the global evolution of phases within the microstructure throughout mechanical loading,
and Fig. 4b shows a magnified region of the 1D profiles between 5.4° and 5.9°. The peaks
corresponding to the a and  phases are indexed as indicated in Fig. 4. As shown in Fig. 4b, increasing
macroscopic true strain leads to a systematic shift of the diffraction peaks toward lower diffraction
angles for both phases, which reflects an increase in elastic lattice micro-strain within the different
crystallographic planes.

In addition, the shape of the a peaks in the 26 range of 5.4° - 5.9° becomes asymmetric (can be slightly
observed in lower angles), which increases up to a true strain of 0.6 (equivalent of 82 % in engineering
strain). The loss of the peaks asymmetric shape at true strain above 0.7 can be linked to the rise in
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temperature above 730°C earlier mentioned. This asymmetry of the peaks is an indication of
anisotropic strain behaviour in the a phase under mechanical loading, which can likely be caused by
grain size heterogeneity [23-25]. Peak asymmetry may also arise from the combined effects of
crystallite size heterogeneity and chemical heterogeneity. However, the latter can be excluded in the
present case, as the microstructure is close to thermodynamic equilibrium. In addition, it can be
noticed that the pronounced asymmetry observed for the pyramidal planes of a phase - {1122},
{2021} and can be attributed to the higher sensitivity of these crystallographic orientations to
anisotropic lattice strain and heterogeneous deformation under applied loading.
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Fig. 4. Evolution of 1D profiles during mechanical loading at 730°C in the range between 2.7° -
6.5° (a); and in the range between 5.4° - 5.9° to highlight the asymmetry peaks of a phase (b).

Equivalent Lattice Strain Evolution — 2D profiles. Using the partial integration method, the result
of the elastic micro-strain evolution of the different crystallographic planes of both a and B phases
along LD and TD are reported in Figs 5a and 5b, respectively. The following crystallographic planes
are examined for the o phase: basal - {0002} planes, prismatic - {1010} planes, {1120}, and
pyramidal - {1011}, {1012} planes, while {110} and {200} planes are considered for the B phase.

The different {hkil}a planes exhibit distinct responses, as evidenced by the varying
stiffening/hardening rates observed among them, particularly along the loading direction. Note that
these different evolutions of the selected lattice strain €™ in particular at low true strain, tend to
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reflect the elastic anisotropy of the a phase. Indeed, in accordance with trends reported in [26, 27],
the {1010} plane have a more compliant behaviour compared to the {1011}, and the {0002} planes.
In contrast, the two {110} and {200} planes show similar behaviour, which reached a plateau at a
very low lattice strain and evolved closely as the macroscopic true strain increases. This trend
indicates that strain accommodation is mainly governed by the a phase, especially by the prismatic
{1010} planes. The behaviour is in contrast with reports for the same Ti-6242S alloy and for Ti-64
alloy [19], likewise [28] for Ti-Al-V-Fe-Si-O a (a + p) titanium alloy. These contrastive behaviours
can be directly linked to the temperature effect. Furthermore, Figs. 5a and 5b clearly reveal the
Poisson effect in both {hkil}« and {hkl}p planes: most {hkil}« planes attain a plateau rapidly at low
strain, except for the basal plane, which continues to exhibit an increase in the lattice strain.

The correlation of the first deviation of the flow stress obtained from experiment from elasticity at
the small strain in Fig. 5c and the different inflection/deviation of the lattice strains in the different
planes can be linked to the local onset of plasticity and also to changes in load distribution between
different grains (with different orientation) and/or phases. In addition, Fig. 5d shows the lattice strains
evolution with the macroscopic true stress. The different planes of both o and B planes behaved
linearly (approximately) at different stress range, upon which a change or deflection of the linear
evolution is observed, which signaled yielding. The crystallographic planes of the B phase yield at
much lower stress compared to those of the a phase planes.

Since the objective is to identify microscale parameters for numerical modelling as stated earlier, it
1s necessary to establish a link between the observed lattice strains in each phase ({hkil}« and {hkl}p)
and the corresponding phase-level strain response. As previously stated, it was assumed that the
elasto-viscoplastic strain experienced in each phase results from the cumulative contribution of lattice
strains associated with the different crystallographic planes of the phase. Accordingly, the phase
lattice strains shown in Fig. 5a, calculated using Eq. 12a, were used to construct strain tensors as
defined in Eq. 12c. The strain von Mises (Eq. 9a) was then applied to these phase lattice strain tensors
to obtain the equivalent lattice strain of each phase.

The resulting equivalent phase lattice strains are presented as scattered data points in Fig. 5c. This
equivalent phase lattice strain was further simulated using the hardening laws earlier presented in the
numerical framework above, while attempting to optimize the material parameters that describes the
strain evolution. The optimized elasto-viscoplastic strain functions for the different {hkil}. and {hkl}p
planes are shown as continuous lines in Fig. 5c. It is interesting to recognize that the equivalent phase
lattice strains and their optimized fits follow the same trend reported for the phase lattice strain (Fig.
5a), thereby showing the consistency of the proposed microstructural phase properties identification
method.
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Fig. 5. Phase micro-strain evolution. Micro-strains in loading direction vs macroscopic strain (a),
micro-strains in transverse direction vs macroscopic strain (b); von Mises equivalent of phase
micro-strain vs macroscopic strain (c¢); and phase micro-strain evolution with macroscopic true
stress (d).

Numerical Model Result. The simulation was performed on was performed with 12 BCC
crystallographic system — {110}(111) and 12 HCP crystallographic system — 3 Basal {0001}(1120),
3 prismatic {1010}(1120), and 6 pyramidal {1011}(1120). The optimisation search range (upper
and lower bound) is reported in table 1 and the result of the optimized parameters for both the {hkil}«
and {hkl}p are listed in table 2, which resulted in the simulated result (continuous line) reported in fig
Sc. It is necessary to note that the behaviour of Basal {0002} equivalent lattice strain is linear up to
saturation, as such, the shearing equation (Eq. 3) used for the fitting could not reproduce it well. As
such, the values calibrated for prismatic {1011} was adopted for Basal slip system in the simulation
because the two seems to have yielded and saturated closely (Figs. 5a and c).
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It is necessary to mention that the authors are not oblivious of the need for uniqueness of the identified
material parameters in order to be able to predict the material response under varying strain rates;
however, this prove of concept has only been tested for experiment under a single strain rate of 2 x
10, Although the uniqueness has been judged by the fitness of the fit considered within different
optimisation search bounds. However, further analyses would be performed using data from different
strain rates in future study.

The calibrated values of the initial critical shear stress (7)) for HCP slip planes at 730°C reported here
is in the same range of values reported by Séchepée et al. [29] for the same material (Ti-6242S) with
a fp of 13%. Table 3 shows the values used for the finite crystal plasticity simulation, the results
reported for {hkl}p - {110} was used as input for B phase, while the average of the calibrated
parameters (Table 2) for for a phase planes ({1010}, {0002}, and {1011}) except for the initial
resolved stress (7,), which the respective {hkil}s values - basal - {0002}, prismatic - {1010}, and
pyramidal - {1011} were adopted for the simulation. Table 4 shows the summary of the single elastic
constants at 730°C for both a and B phases used in the CPFE simulation.

Table 1. Optimisation search bounds.

a p
7o [MPa] 150 - 430 40 - 100
Yo [s71]1(103)  10%-107 104 -10?
ho, [MPa] 20 - 400 10 - 50
Tsar (MPa) 120 - 500 85-150
m 0.1-25 0.1-5
n 0.1-29 0.1-0.9
Table 2. Optimized microstructural model parameters for different crystallographic planes in o and
B phase.
a B
{1010} {0002} {1011} {1012} {1120} {110} {200}
T, [MPa] 425 - 370 282 288 57 50
Yo [s71] (107) 4.08 - 3.02 0.56 1.30 0.45 0.39
hy [MPa] 203 - 230 268 269 24 19
Tsqr [MPa] 482 - 394 378 380 101 98
m 8 - 2.44 3.13 4.191 0.1 0.1
n 0.62 - 0.86 1.61 1.37 0.57 0.50

Table 3. Numerical simulation parameters.

o B
7 9 [MPa] Table 2 57.60
Vo 2 [s71] (10°) 2.38 0.450
hy 9 [MPa] 220.605  24.570
Too? [MPa] 482339 101.679
m 4.290 0.1
n 0.785 0.570

c/a 1.59 1
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Table 4: Single elastic constant of a and 3 phase in Ti-6242S at 730°C

Ci1 [GPa] Ci, [GPa] C,4 [GPa] C33 [GPa] Ci3 [GPa]
a 133.9 64.8 40 157.5 46.3
B 129.5 104.8 48.50 - -

Fig. 6 shows the comparison between the simulation and experimental true stress vs true strain. It can
be observed that the result of the simulated material global response well reproduced the experiment

material macroscopic true stress vs true strain curve. This shows the accuracy of the obtained model
parameters identification and the modelling approach.

500
400 A
£ 300 1
=3
w
v
@
]
)]
[1}]
é 200 A+
100 -
© Exp
— BCC
—— HCP
—— Global
0

0.000 0.025 0.050 0.075 0.100 0.125 0.150 0.175 0.200
True Strain

Fig. 6. Comparison of True stress vs true strain from simulation and experiment at 730°C.

Further, the elastic region of simulated results, o and B phase, coincide with the elastic stiffness of
the material when local yielding has not started (indicated by the first stiffness, see Fig. 3d). The
phase flow stress is higher than that of the a phase, which means that the § phase is more stressed
than the o phase. At a glance at the B phase material properties (Tables 2 and 3) and the equivalent
lattice strains (Figs. 5a, b and c), it would be expected that the o phase sustains more stress than the
B phase. However, considering that  phase planes has a low critical shearing stress that is about one-
tenth of the hardest o phase plane which means that (3 slip planes are soft and slip activities starts at
a low stress (shown in Fig. 5d), which can be seen from the very low value of the equivalent phase
lattice strain (Fig. 5c¢) the B planes begin to shear. All these in addition to the high stiffness of the 3
phase at 730°C, caused higher stress to be partitioned in B phase than o phase.
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In contrast, the lower flow stress in the a phase is due to the fact that the slip shearing can occur at a
high stress level due to the hardness of the HCP slip planes. The start of the shearing in 3 phase at
low stress can be considered to be the cause of the reduction in material elastic stiffness reported in
Fig. 5c, although this cannot be shown by the simulation result due to the limited number of  grains
considered in the RVE compared to the large B grains (probably in millions) in the real sample, and
while the continuous increase on a new linear path (second elastic stiffness slope) up to the global
plastification of the material can be considered to be the effect of the high a phase fraction (hard slips)
on the global material behaviours. The higher stress in the B phase may justify the porosities found
inside the P phase and the o/p interfaces/grain boundaries (Fig. 3e), which may reveal the phase
interfacial effect in dual-phase material with different hardness of their respective slip planes. This
effect is not accounted for here, the modified rule of mixture independently developed by Fan et al.
[30], and Ankem and Margolin[31] may be used to quantify this effect.

Conclusion

A multiscale modeling approach was used to simulate the global behaviour of Ti-6242S — using
microscale properties of constitutive phases (o + ) identified through the application of a genetic
algorithm optimisation method with the microstructural data derived from the advanced HEXRD,
coupled with the SEM and EBSD experimental techniques.

It has been shown that from the phase micro-strains (e"¥) obtained through the HEXRD, the elasto-
viscoplastic properties of each constitutive phases of a polycrystalline material can be established and
the microstructural phase parameters can be used for multiscale (micro to macroscale) modelling. It
was quantitatively established that in a Ti-6242S at 730°C, with fz 15%, higher stress is partitioned

in the B phase than in the a phase. Despite the fact that B phase slip planes are vastly softer (lower
initial CRSS) compared to the a phase, whose slip planes have higher initial CRSS. Further, the higher
stress in the B phase phase may also have been influenced by the interfacial interaction between the
B (softer slips) and the a (harder slips) phase, which caused formation of the observed micro-
voids/porosities within B and o/ interfaces (Fig. 5e).

With the HEXRD technique, the real-time anisotropic behaviour of a phase has been shown during
mechanical loading, which may have completely gone unnoticed if the technique is not used. Also,
through this new one-way model parameters identification technique, the anisotropic effect of the
different phase planes can be included in numerical simulation by simply using the appropriate
parameters that describes the slip plane in the CPFE simulation.

This methodology will facilitate the quantification of the influences of the different phases in multi-
phase material applicable at both low and high temperature investigations. Further improve the
understanding of the effect of each constitutive phases in multi-phase materials on the materials
global behaviours. This will overall help to adequately design the material optimisation process for
effective manufacturing of structures/components. This microstructural model approach is rigorous
enough to allow the quantification of the influence of the different phases in polycrystal materials
with great accuracy than from the unbounded optimisation approach as earlier noted in [5]. The results
have shown that the methodology is a good modelling approach.
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